DLC coatings can combine high hardness with low friction. However, they are often deposited with high levels of intrinsic stress and display low adhesion strength resulting in poor performance in demanding applications. A highly topical challenge is to develop advanced DLC coatings capable of withstanding more demanding applications in the automotive, cutting tools, MEMS and oil and gas sectors. The results from several nanomechanical and tribological test techniques -nanoindentation, nano-scratch and nanofretting (nano-wear) -can be used together to aid the design of DLC coating architectures for enhanced durability in specific applications. In this study the behaviour of multilayered DLC coatings (Cr/W-C:H/a-C:H, Cr/W-C:H/Si-a-C:H) was compared to that of CrN/a-C:H:W (WC/C). We have previously reported that in nano-wear tests the coating with the highest hardness and H/E displayed greater wear resistance [T.W. Liskiewicz et al, Surf. Coat.
Introduction
Diamond-like carbon (DLC) is a metastable form of amorphous carbon and has a mixture of sp 3 and sp 2 bonding and the mechanical properties of DLC films vary with sp 2 /sp 3 ratio [1] . A wide range of available amorphous carbon coating architectures and a number of possible deposition methods allow tailoring of the coating functionality to many demanding functional surface applications. DLC coating properties include high hardness, low friction, electrical insulation, anti-corrosion, chemical inertness, optical transparency, biological compatibility, ability to absorb photons selectively, smoothness and resistance to wear. Hence, DLC coatings have found many practical applications across industrial sectors, including razor blades, computer hard drives, silicon solar cells, MEMS applications, orthopaedic implants, optical lenses, and finally cutting tools and internal combustion engine components [2] .
Improved resolution and efficiency of DLC coating testing techniques is needed for development of new demanding applications and accurate nano-mechanical characterisation is a critical step in DLC coating efficient optimisation. Analytical tools for nano-scale materials testing have rapidly developed over the last decades and integration of measurement data obtained from nano-mechanical testing provides reliable inputs to improved predictive coating wear models [3, 4] .
In order to tailor DLC coatings for demanding functional surface applications it is necessary to optimise the coating tribological behaviour, which has been extensively studied in the literature. Gies et al. deposited homogeneous and gradient a-C:H:W coatings on steel and determined their mechanical properties using nanoindentation and reciprocating wear test with nanometre resolution [5] . The authors showed better performance in micro-and macrowear tests of the gradient coating systems and proposed an improved wear model taking into account the changing stress fields during the wear tests. Almost two decades ago, Jiang and 4 Arnell looked at running-in behaviour of DLC coatings using ball-on-disk apparatus [6] . A classical running-in wear curve with a transition in wear rate from a high initial rate to a low rate with sliding was observed. It was also found that variations in friction coefficient with sliding distance were not related with this transition in wear rate and a transfer film was rapidly developed on the uncoated ball surface. Gåhlin et al. reviewed and discussed ME-C:H coatings applications in motor vehicles [7] . They found out that over time, Me-C:H coatings contributed to significant decrease of friction and dramatic increase of wear resistance and resistance to seizure in these applications. More recently, Zeng et al. compared three types of high wear resistant carbon composite coatings by exploring the influence of a sputterchemical vapour deposition hybrid process on coating properties [8] . The authors showed that it possible to optimise the deposition process by using pure Argon atmosphere resulting in coating with exceptionally high load-bearing capacity and excellent wear resistance attributed to its excellent adhesion, high toughness and low friction coefficient.
The authors of this paper have also performed a more complete characterisation of carbon coatings by combining the results of the nanoindentation tests with additional nanomechanical and nano-tribological test capability, namely nano-scratch, nano-impact and nano-wear [9] [10] [11] . These tests provided complementary information about the durability of DLC films in these more complex mechanical loading situations. It was shown that substrate yield can play a key role in the nano-tribological behaviour, particularly for ultra-thin films on Silicon. By performing repetitive nano-scratch tests at a sub-critical load it was possible to tune the maximum stress close to the coating-substrate interface so that the test was more sensitive to high stress in the film and at the interface.
In this paper the behaviour of three multi-layered DLC coatings is studied by nanoindentation, nano-scratch and micro-scratch testing. The multilayered coatings were Cr/W-C:H/a-C:H, Cr/W-C:H/Si-a-C:H and CrN/a-C:H:W (WC/C). In the Cr/W-C:H/a-C:H 5 and Cr/W-C:H/Si-a-C:H coating systems the adhesion layer is a thin Cr and then gradient layers are applied to adapt the E-modulus of the soft substrate to the E-modulus of the hard top coating, thus giving the coating both abrasive wear resistance and impact fatigue wear resistance (flexibility/toughness). In the WC/C system the hard CrN sublayer provides load support and improved adhesion. Nanomechanical characterisation provides detailed mechanical property data including the elastic modulus and plasticity of the coating systems in addition to hardness determination. The nanomechanical properties of DLC films commonly show a strong correlation with the wear resistance of the DLC films in dry sliding or impact conditions. Nanotribological characterisation by nano-and micro-scratch testing with the modelling approach described provides direct access to the contact pressure so that peak stresses can be determined. The ratio of the hardness to modulus (H/E) has been found to correlate with tribological behaviour more closely than hardness alone with several reports of higher H/E being generally beneficial in sliding/abrasion [12] [13] [14] . In this work the relationship between the plasticity index (PI) and the ratio of hardness to reduced modulus (H/E r ) has been investigated for the different coatings. The correlation with H/E r rather than H/E is explored in this publication since it is E r rather than E that is directly determined from the unloading curve analysis using non-rigid indenters. By employing nano-and micro-scale tribological testing with probes of differing sharpness it is possible to change the sensitivity of the test to probe the response of the coating top layer or the entire multilayer coatingsubstrate system. High resolution SEM imaging has been used to provide further details on the deformation mechanisms and a simple contact model correlating the position of the maximum in the von Mises stress with the coating-substrate interface is explored. In the nano-scratch tests using a spherical indenter with a 5 µm end radius the maximum stresses are located well within the top layer of the multilayer coatings and consequently the mechanical properties of this top layer dominate the nano-tribological behaviour. In the 6 micro-scratch using a spherical indenter with a 25 µm end radius the stress field extends further towards the sub-layers and steel substrate. With increasing load the maximum stress can be positioned at different interfaces in the multilayer system to investigate any potential deficiencies in adhesion between different layers. Table 1 below, and are referred to in this publication by their top layer composition for convenience.
Experimental
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[ where x is a constant and E r is the reduced indentation modulus.
Progressive load (3-scan, topography-scratch-topography) nano-scratch tests to 500 mN were performed using a spheroconical diamond probe of end radius 5 m. The probe radius was 8 calibrated by spherical indentation testing on fused silica. The nano-scratch procedure involved 3 sequential scans, topography-scratch-topography, at 2.5 m/s, always in the same direction. These were (i) pre-scan: scanning at 0.1 mN over a 500 m track (ii) progressive load scratch: the load is low (0.1 mN) over the first 50 m scan then ramping at a constant rate of 2.9 mN/s to reach 500 mN just before the end of the scan (iii) post-scan, with the same low load as the pre-scan. 5 scratch tests were done on each coating with adjacent tracks separated by 100 m. By performing three-scan progressive load nano-scratch tests it is possible to determine the critical load for the onset of non-elastic deformation since this is the load at which the residual scratch depth is no longer zero.
Micro-scratch testing to 5 N was performed using a similar 3-scan procedure using a spheroconical diamond probe of end radius 25 m. The probe radius was calibrated by spherical indentation testing on fused silica. The procedure involved 3 sequential scans, topography-scratch-topography, at 20 m/s, always in the same direction. These were (i) prescan: scanning at 10 mN over a 1000 m track (no wear occurs at this load with a 25 m probe) (ii) progressive load scratch: the load is low (10 mN) over the first 50 m scan then ramping at a constant rate of 107 mN/s to reach 5 N just before the end of the scan (iii) postscan, with the same low load as the pre-scan. 5 scratch tests were done on each sample, with adjacent tracks separated by 100 m. Sample roughness was determined over a 330 µm scan length taken from the pre-scans. The R a surface roughness was found to be 10.9, 11.3 and 11.5 nm for the a-C:H, Si-a-C:H and a-C:H:W coatings respectively (mean values are averages of five repeats). Friction was also measured during the nano-and micro-scratch tests using calibrated tangential force sensors. A Zeiss Supra40VP Field Emission Gun SEM system was used for high-resolution microscopic analysis of the nano-and micro-scratch tracks.
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The probe depth data (either on-load or residual) are shown (in figure 4 (b-c)) after removal of any slope, topographic and the instrument compliance contribution to the measured deformation, i.e. true depth data. The mean pressure during the nano-and micro-scratch tests was estimated by the application of a Hertzian treatment previously applied to the nanoscratch testing of carbon films with spherical probes [15, 16] . The method enables the yield stresses and the pressure required for the failure of the film to be estimated from contact mechanics, assuming the geometry of indentation, provided spherical indenters are used. The contact depth (h c ) in a spherical indentation contact is given by
where h c is the contact depth, h t is the on-load scratch depth and h r is the residual depth from the final scan. The contact radius (a) is determined from Equation 3, where R is the indenter radius.
The contact pressure, P m , at any point along the scratch track is given by equation 4, where L is the applied load. To apply this approach to the nano-scratch data it is necessary to assume that: (i) the presence of a tangential load does not influence the pressure distribution too greatly so that the measured friction coefficient is well below 0.3 (ii) the radius of the indenter is constant (iii) the sliding speed is sufficiently slow and contact sufficiently close to elastic that the load is supported on the rear of the indenter (iv) the indenter can reach the bottom of the scratch track in the final topographic scan. It is also important that the test instrumentation has sufficiently high lateral rigidity (as the NanoTest Vantage) so that when using a sensitive friction transducer the scratch track is not significantly affected by surface roughness. The method has previously been validated for DLC films deposited on Silicon with good agreement found between scratch track widths determined from the analytical method and assessed by microscopic examination [16] .
Results
Nanoindentation
Nanoindentation revealed clear differences in mechanical behaviour between the different DLC coatings. As an illustration the results from tests to 40 mN peak load are shown in Table   2 . The a-C:H coating had the highest hardness, modulus, H/E r, H 3] show that the hardness of the three coatings decreases at very low indentation depths, reflecting non-fully developed plasticity in the contact (i.e. the mean pressure developed in the contact is less than the actual hardness of the film, as described in detail in ISO14577-4).
The measured reduced elastic modulus increases with increasing indentation depth for Si-a-C:H and a-C:H:W but slightly decreases for a-C:H. The depth-dependence of the relationship between plasticity index (PI), H/E r and the apparent constant of proportionality when using a Berkovich indenter is shown in Figure 1(a-c) . The relationship between PI and H/E r for the coatings at a contact depth of 300 nm is shown in Figure 1 (d). There is a linear relationship over this range of H/E r with R 2 = 1.
[ Fig. 1 and Table 2 about here] 3.2 Nano-scratch tests with R = 5 µm probe
The critical load (L y ) was determined from the depth data as the load where the residual corrected depth is non-zero.
[ Fig. 2 and Table 3 about here]
The load-dependence of friction coefficient in nano-scratch test using R = 5 µm probe is shown in Figure 2 . The friction coefficient at yield is shown in Table 3 . SEM images are shown in Figure 3 . failure (total failure of the coating) was not reached before 500 mN on any of the coatings. 4(b-c) ). The dependence of the friction at L y , L c1 and L c2 is summarised in Fig. 4 (f) . The frictional response of a-C:H and Si-a-C:H is very similar frictional behaviour, with friction coefficients of (0.075 ± 0.002) and (0.073 ± 0.003) respectively at yield. The a-C:H:W has 12 higher friction of (0.100 ± 0.006) at yield. The friction coefficient gradually increases with applied load following the same trend for all the coatings (figure 4 (e)), with the data on a-C:H:W being about 0.03 higher. Figure 5 shows SEM images of micro-scratch tracks. A complex deformation with cracks in front, behind and at the side of the contact zone is observed on a-C:H ( fig. 5(a) ). The crack pattern on a-C:H:W is very different to that on the other two coatings. A network of fine cracks is produced that appears to follow the microstructure. Although there is spallation and chipping outside the scratch track it appears reduced in comparison to that observed on the a-C:H and Si-a-C:H coatings.
[ Table 4 about here]
Discussion
Nanoindentation and plasticity
There was a marked correlation between the nanomechanical behaviour of the coatings and their tribological response in nano-and micro-scale scratch testing. Nanoindentation data at different peak loads contain differing elastic contribution from the M2 substrate (and sublayers). The measured reduced elastic modulus increases with increasing indentation depth for Si-a-C:H and a-C:H:W but slightly decreases for a-C:H. This is due to the influence of the steel substrate which is stiffer than Si-a-C:H or a-C:H:W but slightly lower modulus than a- fig. 1 (a-c) ). Although similar relationships could be determined for H/E instead of H/E r we have chosen to report H/E r since this is the primary output from the nanoindentation curve and so does not require exact knowledge of the coatings' Poisson's ratios. On these coatings H/E r varied little with load over this depth range so changes in plasticity and proportionality constant primarily reflect the effect of changing indenter geometry over this depth range. There appear to be two regimes with x being constant above about 250 nm and increases as the depth is reduced below this. for hardened steel). At low relative indentation depth the substrate contribution is minimal and the observed differences in x are due to differences in coating properties. FE analysis has predicted x ~5 [17] [18] whilst for bulk materials experimental evidence suggests that x ~ 5 for glasses and x ~6-7 for metals [19] [20] . For hard coating systems x has been reported to be ~6.4 on TiN-based nanocomposites [21] and 5.7 on TiAlCrN/TiAlCrSiYN multilayers [22] .
Based on theoretical and experimental studies it has been suggested that PI, h r /h m and H/E 14 essentially contain the same information and can be used interchangeably [19] [20] . However, although they are well correlated there appear to be some subtle differences. The three coatings studied here show slightly lower PI than h r /h m with the difference being greatest for a-C:H, i.e. the coating with highest H/E (max. difference = 0.05). The reasons for the different values of x between the coatings are that the equation is not exact and deviations become more apparent at higher H/E. There may also be some influence from surface roughness, pile-up/sink-in or the fact that the energy based equations use the energy to the maximum depth whilst hardness from unloading curve analysis is determined at the contact depth [23] .
Although much softer than nitride coatings such as TiAlN, the a-C:H:W coating has similar plasticity and x. It can be considered as metal-doped and in terms of plasticity it has the character of more ceramic coating which may well be connected to its high load carrying capacity without cracking in highly loaded contact. DLC coatings typified by the a-C:H coating are hard and elastic, having high H, H/E and Y/E. Tabor determined a constraint factor C, connecting hardness and yield stress according to H = CY [24] . Based on experiments on metals a value of 2.8 was found to be a good fit experimentally. However, for higher Y/E materials such as the coatings tested here much lower values are found.
The Si-a-C:H and especially a-C:H:W coatings have lower hardness and higher plasticity, a combination which has been associated with improved crack resistance in scratch testing in amorphous hydrogen-free carbon coatings [25] [26] [27] [28] . Although the a-C:H:W coating is softer it has a higher threshold for cracking when tested with R = 5 and 25 m probes. Plastic flow can be considered as the major source of stress relaxation in the coating system. Although plasticity is not the same as toughness, as discussed in detail elsewhere [19, 21, [26] [27] [28] , nevertheless in practice it appears that the two properties are well correlated. Where high 15 fracture toughness is associated with high H 3 /E 2 then this appears to be a consequence of the higher load-support (the critical load for plastic flow is connected to H 3 /E 2 ) so that for a given load the total deformation is lower so the bending stresses in the coating are reduced rather than intrinsic structural toughening.
Nano-scratch behaviour (R = 5 m)
Based on Johnson's contact mechanics analysis the critical load should scale with H 3 /E 2 on bulk materials [12, 30] . For these coatings there was a strong but non-linear dependence on H 3 /E 2 and H/E (Tables 2 and 3 ). The coating yield stress has been estimated from the nanoscratch test data. The Hertzian analysis is well suited to the nano-scratch testing of DLC films with spherical probes with an end radius of 5 µm or greater due to their intrinsic low friction and high H/E so that contact remains elastic or close to it over a wide load range. Plastic deformation in the sample beneath a spherical indenter can be first expected to occur when P m ~1.1Y at a depth of ~0.47a [24, 29, 30] . The mean pressure at yield (P m ) has been converted to a yield stress, Y, using the relationship that Y = P m /1.1. Table 5 shows a comparison between the yield stress determined from the nano-scratch tests with the 5 micron probe and the yield stress determined from an analytical analysis of the nanoindentation test data with the Berkovich indenter. Although the indenter geometry in the two types of tests is different, in both cases the yield occurs well within the coating. The simplifying assumptions that (i) the test probe radius is constant vs. depth (ii) that friction was sufficiently low that the stress field is not too different from that in a spherical indentation (iii) the lateral rigidity of the instrumentation is high enough, are well met. There is reasonably good agreement, especially for Si-a-C:H and a-C:H:W.
[ Table 5 about here]
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Although at yield the depth under load is highest on the a-C:H (Table 3) , as the yield occurs at markedly different critical loads on the three coatings this reflects the much higher critical load for this coating (206 mN). When comparing the depth at a given applied load then the trend is reversed and a-C:H shows the smallest on-load and residual depths.
Micro-scratch behaviour (R = 25 m)
By employing a larger radius test probe is possible to change the sensitivity of the test to probe the response of the entire multilayer coating-substrate system. The feasibility of this has been investigated by Schwarzer and co-workers for scratch testing thicker monolayer and multilayer coating systems on cemented carbide where the total thickness of the coating layers was 10-11 m with test probe radii the range 20-200 µm [31] . For the instrumentation used in that study it was reported that the combination of high surface roughness of the coatings and insufficient resolution made it impossible to detect the onset of plastic flow. In contrast, in this current study the DLC coatings were smoother and the test instrumentation is optimised for nano-/micro-scale testing having high sensitivity and lateral rigidity so that it is trivial to determine reliably the critical load for plastic flow from the point at which the residual depth is no longer zero. On other coating systems and bulk materials (e.g. thin carbon coatings on Si, Si [9-11]) we have found no evidence that any significant yield occurs below this and have reported good agreement between the mean pressures determined at yield both with literature and the results of nanoindentation tests.
In contrast to the behaviour with the R = 5 m probe the yield and failure pressures with the R = 25 m probe are increasingly dominated by substrate deformation. The maximum von
Mises stress at L y is located at a depth well within the top coating layer. However, it is likely that failure occurs on exceeding the substrate yield stress. The critical load for yield is not higher for the a-C:H coating despite its much higher hardness since the significant part of the deformation is due to elastic deformation of the substrate. The a-C:H:W coating showed higher load support without cracking. The higher L c1 and L c2 do not equate to significantly greater mean pressure in the contact, but due to the higher load the stress field was able to develop deeper into the substrate before the onset of cracking.
In a tribological system toughness may be at least as important as hardness. An interesting concept for providing a qualitative assessment of differences in coating toughness has been proposed by Zhang and co-workers [28, 32, 33] . They equated L c1 with the resistance to the initiation of cracks and (L c2 -L c1 ) as a measure of the toughness (L c2 = load for total failure).
They defined a parameter representing resistance to crack initiation and also propagation as follows (Eqn. 5):-
Although absolute values of this parameter, later called "scratch toughness" [28] , are highly dependent on the radius of the test probe nevertheless it can provide a useful qualitative assessment of coating response. The CPR values were (1.0 ± 0.4), (0.8 ± 0.2) and (2.3 ± 0.7) N 2 for the a-C:H, Si-a-C:H and a-C:H:W coatings respectively. Higher L c1 and L c2 correspond to a tougher coating despite having lower H 3 /E 2 . There is a correlation between H 3 /E 2 and failure with lower H 3 /E 2 coatings being able to deform more elastically prior to the L c2 failure. Zhang and co-workers have studied several metal-doped nc-Me n N/a-SiN x coating systems where improved scratch toughness was found to be at the expense of hardness [26] [27] [28] . In nano-scratch testing it is commonly observed for a hard coating deposited on a hard and brittle substrate that higher hardness, H/E and H 3 /E 2 is correlated with lower scratch depths at low load but a lower L c2 . Reported examples of coating systems showing this behaviour include 1 m a-C on Si in nano-scratch testing with a R = 4 m probe [25] and ~0.8 m nc-TiN/a-SiN x on Si in nano-scratch testing with a R = 3 m probe [34] . When micro-scratch testing of hard nitride coatings on cemented carbide the on-load scratch depths do not vary significantly with coating properties but the same trend of higher hardness, H/E and H 3 /E 2 being connected with a lower L c2 is also commonly found [21, [35] [36] [37] .
[ Table 6 about here]
Deformation mechanism in the scratch test
To further understand the interrelationships between plasticity, load support, scratch recovery and cracking a simple contact model has been applied to estimate the magnitude and location of the maximum von Mises stress at the different critical loads for each of the coatings in the micro-scratch test. The mean pressure vs. applied load determined by the Hertzian analysis of micro-scratch test data is shown in Figure 6 (a). The mean pressure at yield is around 14-16
GPa. As the applied load increases the decrease in pressure towards ~12 GPa is due to a greater contribution from the softer layers and substrate together with added complexity from cracking/yield.
The analysis suggests that at the L c2 failure the maximum von Mises stress is located below the free surface at a depth of around 3.9, 3.7 and 4.8 m for the a-C:H, Si-a-C:H and a-C:H:W coatings respectively (Table 6 , figure 6 (b)). As a first approximation the compressive plastic strain in these coatings can be assumed to be minimal due to the large radius of the probe used in the test. Haq and co-workers showed that in indentation of DLC films with a 5
m spherical indenter the localised compressive plastic strain determined by cross-sectional transmission electron microscopic analysis (XTEM) is relatively low (~4%) compared to that induced by Berkovich indentation to the same load [38] . Investigation of the data reported in XTEM studies by Haq and co-workers clearly shows that the influence of indenter geometry is greater than that of coating thickness [38] [39] [40] [41] . In the micro-scratch test the indenter radius was 25 m so compressive strain in the coating should be minimal. The maximum in von
Mises stress appears to coincide with the location of the adhesive layer-gradient layer boundary at the L c1 failure on the a-C:H and Si-a-C:H coatings. The maximum in von Mises stress appears to coincide with the location of the substrate-adhesive layer boundary at the L c2 failure on the a-C:H and Si-a-C:H coatings.
Although we have made some simplifying assumptions it does appear that for the a-C:H and Si-a-C:H coatings the L c1 and L c2 events may occur when the maximum stress is closer to interfaces in the multilayer structure. In contrast, for the a-C:H:W coating the L c1 and L c2
events both occur when the stress maximum is far into the substrate. Schwarzer and coworkers have proposed [31] that (i) plastic flow occurs wherever the critical von Mises stress is exceeded (ii) with increasing load this plastic zone grows until it reaches the interface between the coating and the substrate weakening the integrity of the system (iii) if additionally high tensile stresses at the surface coincide with this weakening then mode-I fractures could propagate to this interface resulting in global coating failure by shearing off large areas (the observed critical load). The failure mechanism on the a-C:H and Si-a-C:H coatings appears to follow a broadly similar progression. Between L y and L c1 the plastic zone grows with cracking occurring when the maximum von Mises, i.e. weakening, stress being centred on the interface between the bonding layer and the graded layer. The cracking at the rear of the moving probe is associated with high tensile stress [42] . It appears that these are cohesive cracks in the sense that they do not propagate to the interface with the substrate and cause debonding. As the load is increased further the maximum stress becomes centred on the interface with the substrate and dramatic debonding occurs. On the a-C:H:W coating the SEM supports a different failure mechanism. Enhanced stress relief due to the greater plastic 20 deformation results in the maximum stress being driven into the substrate before cracking occurs and the more extreme bending of the coating itself may be responsible for the cracking and film failure.
Influence of probe geometry and deformation on friction
Although the surface roughness is the same for all three coatings there was a marked difference in friction between them when testing with the sharper probe. The friction force in the nano-scratch test can be deconvoluted into its interfacial and ploughing components so that the interfacial friction can be reported (Eqn. 6):-
The friction coefficient at yield is commonly reported to be ~0.05-0.1 for carbon films when sliding against spherical diamond probes [9, 42] . Differences in elastic deformation and plastic ploughing have a marked influence on the evolution of the friction vs. load in the nano-scratch test. Lower deformation on the a-C:H and Si-a-C:H coatings results in a smaller ploughing contribution to the total friction. The ploughing contribution is small at yielding, nevertheless differences remain so it can be inferred that the lower total friction on coating A is due to both lower ploughing and lower interfacial friction.
The use of a larger radius probe enables the ploughing contribution to the total friction to be minimized so that the interfacial friction can be more accurately determined. The slight difference (offset by ~0.03) between friction coefficients at yield determined with the 5 and 25 µm probes may reflect surface roughness, change in the location of yield and/or increased elastic ploughing with the smaller radius probe. As the on-load depth data with the R = 25 m 21 probe are initially almost identical for the three coatings so the ploughing contributions to the total measured friction are the same. This marked difference to the nano-scratch behaviour where higher hardness reduces deformation and ploughing is due to the larger radius and more substrate-dominated response. With the 25 m probe the a-C:H and Si-a-C:H coatings show very similar frictional behaviour, with friction coefficients of 0.07 at the onset of yield.
The a-C:H:W coating has higher friction of 0.1 at the onset of non-elastic deformation ( figure 4 (f) ). The variation of friction vs. load follows the same trend for all three, only offset slightly higher for the a-C:H:W coating ( figure 4 (e) ). Since the ploughing contribution is essentially identical the larger total friction on the a-C:H:W is due to a higher interfacial friction component.
Conclusions
There was a marked correlation between the nanomechanical behaviour of the coatings and their tribological response. By employing nano-and micro-scale tribological testing with probes of differing sharpness it has proved possible to alter the sensitivity of the scratch test to probe the response of the coating top layer or the entire multilayer coating-substrate system. Although a clear relationship exists between the ratio of hardness to reduced modulus and the ratio of plastic to total work done in the indentation test (the plasticity index), the apparent constant of proportionality between them varied, being lower for lower plasticity coatings. Plastic deformation is a major source of stress relaxation in the scratch test and the coating with higher plasticity index did not crack before the maximum load in the nanoscratch test was reached . Friction and yield stress were found to strongly depend on the test probe radius. With a suitable choice of test probe geometry (R = 5 m) the Hertzian analysis is able to provide a measure of the coating yield stress that is similar to that previously where enhanced stress relief due to the greater plastic deformation results in the maximum stress being driven into the substrate before cracking occurs. Tables   Table 1 Multilayer coating 
